Abstract. 2014 In this second part, the mechanical behaviour of elemental semiconductors (ESC) and III-V compounds (CSC) is briefly reviewed. The marked temperature dependence of the stress-strain curve is recalled first and some attention is paid to the correlation between the lower yield stress and dislocation dynamics at moderate temperatures. In Si, some suitable pre-strain yields a very favourable situation where measurements of both mobile dislocation density and local stresses can be done and where activation parameters at the lower yield point fairly agree with those of dislocation glide. In CSC, polarity effects result from the very different mobility of 03B1 and 03B2 dislocations and activation parameters apparently fail to reproduce those derived from velocity measurements. Generally, the mechanical behaviour is affected by doping in the sense expected from velocity measurements, but « metallurgical » effects appear at high concentrations if doping atoms are mobile at the deformation temperature. At lower temperatures, SC can be deformed under high stresses, if brittle fracture is prevented by a confining pressure. Experimental techniques are discussed and present results point to different rate controlling mechanisms in this range, where environment effects are in addition suspected. A last section deals with the influence of non-doping impurities, using the best known examples of oxygen in Si and indium in GaAs. Tome 22 N° 11 NOVEMBRE 1987 Revue Phys. Appl. 22 (1987) Introduction.
In the first part of this review [1] , the structure First a summary of general features of the stressstrain curve is given. The behaviour at large strains has been studied at high temperature (above 0.7 Tm), mainly in Si and Ge. Very little will be said about the recently discovered hardening stages IV and V since they have been described at length in a series of papers by Siethoff, Schroter et al. [2] [3] [4] [5] . In most compounds, the high temperature range is difficult to study due to evaporation of the group V element and data are still very scarce, in spite of the increasing demand in order to solve the technological problem of how to reduce to zero the density of dislocations after crystal growth and device processing.
More detailed will be the yield region at medium temperature, i.e. in the range of dislocation velocity measurements. The yield behaviour of ESC has been explained by theoretical models, the best known of them being the model of Alexander and Haasen [6] , whose basic assumptions and main predictions are summarized and compared to experiments. The The influence of doping and neutral impurities on macroscopic deformation will also be described. Such data offer a further possibility to check in which way the dislocation mobility is reflected in the mechanical behaviour of single crystals.
Last, some suggestions for future work are proposed.
1. Général features of the stress-strain curve.
Figure 1 shows typical stress-strain curves of semiconducting materials. [7, 8] [12] . b) The effect of strain rate on hardening stages in Ge, after [12] . c) Different behaviour of III-V compounds at the same homologous temperature (0.65 Tm) and 03B3 ~ 3.6 x 10-$ s-', after [9] . [7] . Note the five-stage curve at 1350 °C.
steeply decrease with increasing temperature at T $ 0.8 Tm (Fig. 3) [2] [3] [4] [5] . For a recent review of these studies of large strains the reader is referred to [4, 5] . Computer fits to current models of dynamic recovery, now supplemented by High Voltage Electron Microscopy investigations [13] seem to point out that the crossslip mechanism as analysed by Escaig [14] Stages IV and V have been also observed in metals [15] , which confirms that the shape of the stress-strain curve is characteristic of the crystal structure rather than of the type of atomic bonding.
As pointed out by Siethoff [17, 18] was not successful [19] . Cross-slip of isolated dislocations in Si and Ge was often reported [20, 21] and quantitatively studied by Môller [22, 23] (ii) There is plenty of evidence that the initial peak stress is due to dislocation multiplication (an effect once proposed by Johnston and Gilman to account for their results in LiF [25] (v) It has been long recognized [27] that the deformation is not homogeneous in the yield region. Takeuchi [28, 29] Omri [7] , Oueldennaoua [32] and Allem [33] after [7] . The low temperature configuration is highly favourable for a quantitative estimation of microscôpic parameters that enter in models. As discussed in detail by Gottschalk [39] actually pinned. If, on the contrary, it was overcoming the pinning point at the time the deformation was stopped, the instantaneous curvature that has been frozen-in has nothing to do with the local stress [40] . Also, at low stresses, an apparently free dislocation line may as well have been actually trapped in a dipole since the trapping distance between dislocations of opposite signs is now larger than the foil thickness.
After pre-strain the total dislocation density pT was about 3 x 108 cm.cm-3, @ pm being certainly less than 4 x 107 cm. cm-3 . The variation of p m and p T with straining conditions are given in figure 7 . The total dislocation density varies very weakly upon stress conditions, the dependence of p m being stronger 03C1 03B1 03C403BB with 1 À 2 between 650 °C (r-13MPa) and 550 °C (r-41MPa). In this stress range, it can be shown that the contribution of the prefactor (due to p (T )) to the apparent activation volume can be neglected. (Fig. 9) . In the hard case, deformation did not proceed by the motion of Q dislocations from the abraded surface but by a dislocations of secondary slip systems. [54] and GaAs [49] for example. This difference between ESC and CSC could be ascribed to the specific conditions of operation of dislocation sources in compounds [50] . 4 . The influence of doping on plastic properties at médium temperatures.
THE NECESSITY OF NOT TOO HIGH DEFORMA-TION TEMPERATURES AND THE WAY TO DO IT. -
The analysis of the effect of electronic doping on plastic properties of SC requires not too high deformation temperature or high strain rate to prevent any diffusion effects which promote precipitation of impurities on dislocations. This is well illustrated through the studies of Siethoff and coworkers. Siethoff [55] [59] were among the first to show that the upper yield stress was increased by increasing the amount of n carriers, whereas p doping has a minor effect (Fig. 12) Indentation hardness was also used to study the effect of electronic doping on the maçroscopic plasticity. In a study on Si, Roberts et al. [65] reported that at 400 °C the hardness was independent on doping. However [71] or InP [72] between these two directions has been ascribed to the different mobilities of a and {3 dislocations. Using the same geometry Hôche and Schreiber reported also this asymmetry which was analysed by TEM [73] .
The longer rosette arm was found to be built with partial dislocations bounding extended stacking faults whereas the other one is built with perfect screw dipoles. These authors made no reference to a. or {3 dislocation mobilities and explained the different dislocation structures by a difference in stacking fault energies between the different glide planes. It can be suggested that this reflects a larger difference in leading and trailing a partial dislocation mobilities. This observation prevents any simple and quantitative explanation of the a, j8 arm asymmetry.
It is known that hardness of (111) and (111) surfaces is generally different. This can be added to the polarity effects mentioned in section 3.1. An extensive study of this problem was conducted by Hirsch et al. [74] who determined the geometry of the plastic zone by observations of slip line patterns and dislocation etch pit patterns at different depths from the indentation surface. Two types of work hardening can be obtained depending on the geometry of slip planes related to a tetrahedron built with {111 } glide planes. Two types of (111) slip can be defined : one leading to a high work hardening rate by the formation of Lomer-Cottrell locks, the other one leading to a low hardening rate because no such locks are formed. On the assumption that hardness depends on dislocation velocities having the same relative values as those measured at lower stress, the polarity hardness of { 111 } faces of GaAs is explained by the fact that the types of dislocations leading to a low work hardening rate are different at the two opposed surfaces. For n-type GaAs and from the As surface fast As (g), i.e. a, dislocations. are generated and move on the slip planes giving rise to the lower hardening rate : they penetrate far in the material and lead to a relatively low back stress at a given strain. From the Ga surface the same slip is due to Ga (g), i.e. {3, dislocations whose penetration in the crystal is smaller, leading to a higher back stress for the same strain. Thus the As surface is softer than the Ga surface. The same analysis explains why for p-type GaAs, [78] [79] [80] . FZ Si (n =1013 cm-3, n = 1019 cm-3 (P)) was deformed along (123), (100) [79] or [81] show that the dislocation substructures are different at the lower yield point depending on the compression axis (see below).
The effect of doping on mechanical behaviour investigated in thé (123) orientation has been found to be important (Fig. 14b) . n-type samples were softer than intrinsic ones in agreement with dislocation velocities measured at lower stresses [81] . [80, 83] [102] .
